Abstract-The role of microstructure and doping on the mechanical strength of microscale tension specimens of columnar grain and laminated polysilicon doped with different concentrations of phosphorus was investigated. The average tensile strengths of undoped columnar and laminated polysilicon specimens were 1.3 ± 0.1 and 2.45 ± 0.3 GPa, respectively. Heavy doping reduced the strength of columnar polysilicon specimens to 0.9 ± 0.1 GPa. On grounds of Weibull statistics, the experimental results from specimens with gauge sections of 1000 µm × 100 µm × 1 µm predicted quite well the tensile strength of specimens with gauge sections of 150 µm × 3.75 µm × 1 µm, and vice versa. The large difference in the mechanical strength between columnar and laminated polysilicon specimens was due to sidewall flaws in columnar polysilicon, which were introduced during reactive ion etching (RIE) and were further exacerbated by phosphorus doping. Removal of the large defect regions at the sidewalls of columnar polysilicon specimens via ion milling increased their tensile strength by 70%-100%, approaching the strength of laminated polysilicon, which implies that the two types of polysilicon films have comparable tensile strength. Measurements of the effective mode I critical stress intensity factor, K IC,eff , also showed that all types of polysilicon films had comparable resistance to fracture. Therefore, additional processing steps to eliminate the edge flaws in RIE patterned devices could result in significantly stronger microelectromechanical system components fabricated by conventional columnar polysilicon films.
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I. INTRODUCTION
P OLYCRYSTALLINE silicon (polysilicon) has been the most common material for surface micromachined Microelectromechanical Systems (MEMS) because of its advantageous electrical and mechanical properties as well as the mature and versatile fabrication processes for intricately shaped devices [1] . Surface micromachined MEMS perform most reliably as two-dimensional suspended devices comprised of slender beams and flexures to allow for large in-plane and out-of-plane displacements under relatively small forces. However, in order to reach the desired motion, slender components or thin film membranes [2] can be subjected to large stresses. To this effect, the brittle nature of polysilicon presents the advantage of dimensional stability compared to metallic MEMS devices that creep or yield under stress even at room temperature [3] , but raises the concern of instantaneous fracture due to surface crevices or micro-cracks in highly stressed regions of a device [4] . Prior research has shown the potential of increasing the mechanical strength of small polysilicon parts to as much as 3.5 GPa [5] , [6] , which, however, is still far from the experimental reports of near theoretical strength of defect-free single crystal silicon beams. The mechanical strength of single crystal silicon has been reported to be of the order of 12-20 GPa [7] , [8] , which is higher than the tensile strength of polycrystalline silicon specimens reported in the range of 1-5 GPa [5] , [9] - [13] . These values depend on the specimen size which is consistent with expectations for brittle materials [4] , [9] , [11] . Past research has shown that deposition, Reactive Ion Etching (RIE), doping and sacrificial etching influence in different degrees the specimen porosity, and top surface and sidewall roughness [14] , which are among the primary forms of catastrophic flaws. Furthermore, in the presence of metallization layers, e.g. Au, it has been shown that the mechanical strength can be strongly affected by sacrificial etching [4] , [15] , [16] . The tensile strength of polysilicon also depends on the annealing temperature, which, in turn, dictates the grain size. While the grain size does not directly impact the tensile strength, the size of defects forming for larger grain sizes are bigger, thus resulting in lower strength compared to small grain polysilicon. Contrary to metals, however, there is no mechanistic correlation between grain size and strength for ceramic materials. Therefore, the origins of the relatively lower strength of large grain polysilicon should be sought in the side effects of different fabrication steps; e.g. prolonged annealing at high temperature combined with high phosphorus (P) doping can produce large grain polysilicon [17] . The resistance of polysilicon itself to fracture can be quantified independently of the flaw size via fracture mechanics experiments with cracks of well-known geometry. A reference for the expected values of the critical stress intensity factor, K I C , is provided by single crystal silicon data [18] - [21] , which can be as low as 0.82 MPa √ m for (111)
planes [19] , and as high as 1.25 MPa √ m according to [18] . More specifically, the K I C values for single crystal silicon (100), (110) and (111) planes have been reported in [19] as 0.95 MPa √ m, 0.90 MPa √ m and 0.83 MPa √ m, respectively. On the other hand, the effective critical stress intensity factor, 1 K I C,e f f , of polysilicon has also been reported [22] , [23] , with the most recent reports providing values in the range of 0.8-1.2 MPa √ m [24] , [25] . This variation in K I C,e f f was attributed to local material anisotropy near the crack tip and grain heterogeneity.
A direct consequence of this distribution of values of K I C,e f f , which incorporates the effect of local variations in microstructure, is that cracks could arrest soon after initiation [24] . In agreement with these experiments, Foulk et al [26] , [27] demonstrated by a computational cohesive-zone analysis that the grain shape, crystal lattice orientation and grain boundary (GB) strength can increase the measured value of K I C,e f f due to local crack tip deflection. Thus, modification of the grain structure and the energy landscape between grains and GBs could affect the resistance to crack initiation. The energy landscape could be modified by dopants such as P that are known to segregate at GBs and also promote grain growth [17] . However, the effect of P doping on toughening and strengthening is still inconclusive [28] , [29] . For instance, Zeng et al [28] reported a 3% increase in the critical stress intensity factor of silicon that was heavily P doped, whereas Swadener and Nastasi [29] observed an insignificant effect. If GBs and triple junction points influence crack initiation and hence K I C,e f f , then enhancing the material cohesive strength via doping may provide additional control of crack initiation and arrest. Phosphorous doping has additional indirect consequences to grain growth during annealing [17] , [30] - [32] , which, in turn, may affect the material failure strength.
This work studies the interactive effect of doping and grain size on the tensile strength and K I C,e f f of polysilicon specimens fabricated by an experimental run at the Sandia National Laboratories. The mechanical properties of polysilicon manufactured by the regular SUMMiT V process of the Sandia National Laboratories have been reported before by Chasiotis and Knauss [5] , Chasiotis [14] , Boyce et al [11] , and Boyce [33] , who identified the specimen sidewalls as the location of the flaws controlling failure. More recently, a new microstructure has been explored, in which a polysilicon structural layer has been substituted by a laminated structure that reduces the grain size. The laminate structure was achieved by altering the regular SUMMiT V fabrication conditions, with potential consequences in failure properties. The data presented here shed light on critical flaw formation and the role of doping in the intrinsic failure behavior, as manifested by the mechanical strength and the material fracture toughness, respectively. A first report on these two types of polysilicon films by Boyce et al [34] presented a 60-90% increase in the tensile strength of specimens fabricated of laminated compared to columnar polysilicon. This work addresses several ensuing questions, among them (a) the utility of Weibull parameters derived experimentally from small specimens in computing the Weibull parameters of specimens with larger dimensions, and vice versa, (b) the influence of microstructure in columnar and laminated polysilicon, and doping on the fracture resistance of polysilicon, and finally (c) the ability to make mechanical strength predictions based on a characterization of edge and surface flaws and a fracture mechanics analysis. To address the aforementioned questions, (a) mechanical strength experiments and Weibull analyses were conducted with specimens quite larger than those in [34] , and the Weibull parameters derived from large (small) specimens were used to make predictions for small (large) specimens, (b) fracture mechanics experiments with prefabricated sharp cracks were conducted to assess the local crack resistance in undoped and heavily doped columnar and laminated polysilicon films, and (c) a fracture mechanics analysis coupled with a critical evaluation of edge and surface flaws was used to make mechanical strength predictions based on simple defect analysis. Finally, mechanical strength experiments with modified columnar polysilicon specimens that were devoid of the original catastrophic flaws were used to further elucidate the reasons for the different mechanical strength values between columnar and laminated polysilicon, and examine whether polysilicon films with these two microstructures have fundamentally different resistance to fracture.
II. EXPERIMENTAL METHODS

A. Materials and Fabrication
Two types of 1-μm thick polysilicon specimens were prepared by a custom polysilicon fabrication run at Sandia National Laboratories, namely specimens with grain size of 285 ± 137 nm (in-plane dimensions), and specimens with laminated structure and grain size of 125 ± 33 nm [34] . The grain structure of the former was fairly columnar and henceforth we refer to it as "columnar polysilicon" whereas the latter polysilicon with finer grain size is referred to as "laminated polysilicon." The grain size of the two types of polysilicon was smaller than the average grain size of films fabricated by the SUMMiT V microfabrication process [35] , which has been reported to be in the range of 435-600 nm for poly1 and poly1-2 films [36] , [37] .
The initial processing steps were identical for the two types of polysilicon films. First, a 0.63 μm thick oxide layer was thermally grown on a silicon wafer followed by a 0.8 μm thick low-stress nitride layer using low pressure chemical vapor deposition (LPCVD). These blanket films act as electrically insulating layers between the wafer and the MEMS structures. A 0.3 μm thick LPCVD polysilicon (Poly0) layer was deposited on top of the nitride layer as a ground layer. A 2-μm thick sacrificial oxide layer (SacOx1) of either phosphosilicate glass (PSG) with 0.5% or 2% P or undoped silane glass was then deposited and patterned.
Subsequently, a 1-μm thick columnar polysilicon layer (Poly1) was deposited in a furnace at 580°C. The laminated polysilicon was fabricated by depositing 10 alternate layers of 100 nm thick polycrystalline and amorphous silicon resulting in 1-μm thick composite films. The crystalline or (10 th ) and bottom (1 st ) layers in laminated polysilicon were narrower than the rest of the layers, hence the step at the top and bottom edges of the specimen. As a result, the top layer appears very distinct in (b) but the bottom layer is hidden due to the oblique angle of the SEM image.
amorphous microstructure of the 100 nm thick silicon layers was controlled by altering the growth temperature [34] . The 1 μm thick laminated films were then patterned via RIE into dog-bone shaped specimens. During patterning, the polycrystalline and amorphous layers of laminated polysilicon remained as such, while the top layer was amorphous.
A second sacrificial oxide layer (SacOx2) was deposited on top of Poly1 and was chemo-mechanically planarized to a thickness of 2 μm. All wafers were then annealed in N 2 environment at 1050°C for 1 hr to allow for diffusion of P from the top and bottom PSG layers to the polysilicon films. In the case of laminated polysilicon, the amorphous silicon layers became polycrystalline during annealing and resulted in the final laminated structure. SEM images of the cross-section of columnar and laminated polysilicon are shown in Figs. 1(a) and 1(b) , respectively. The surface topography of laminated polysilicon was very smooth and uniform compared to columnar polysilicon. The top surface of columnar polysilicon contained nodules (∼50 nm in diameter), and some abnormal grains measuring more than 500 nm. Similar nodules were previously observed on polysilicon surfaces fabricated with tetraethylorthosilicate (TEOS) as the sacrificial oxide layer [38] . Those nodules were shown to be silicon carbide particles that formed due to residual carbon migrating to the polysilicon surface from TEOS and reacting with Si during annealing. However, silane or phosphosilicate glass were employed in [34] and this study, and yet similar nodules were present on the surface of polysilicon. Chemical analysis of the nodules and the large abnormal grains by Energy Dispersive Spectroscopy (EDS) indicated the presence of silicon atoms only.
The gauge section of the patterned uniaxial tension specimens was 1,000 μm long and 100 μm wide, following the geometry in [4] and [15] . For fracture experiments, sharp cracks were introduced to the specimen gauge section by a microhardness indenter as described in [24] . In this method, an indentation is generated to the sacrificial oxide layer alongside the tensile specimen and one of the edge cracks extending from the corners of the indentation propagates into the polysilicon specimen, as shown in Figure 2 (a) [24] , [25] . SEM and AFM images of the cracks and their tips were obtained for each specimen to measure the crack length and record the precise location of the crack tip with respect to the grain structure. Fig. 2 (b,c) shows AFM images of cracks in undoped columnar and laminated polysilicon, respectively. After indentation, the films were etched in 49% HF to obtain freestanding specimens for fracture experiments.
B. Tensile Strength and Critical Energy Release Rate Measurements
An apparatus for microscale tension experiments, described in [39] , was employed for tensile strength and K I C,e f f measurements. The apparatus consisted of a PZT actuator for loading MEMS-scale specimens in tension and a 50g capacity loadcell to measure the applied force. The PZT actuator and the loadcell were mounted on linear and rotational micro-positioners to control the specimen alignment. All experiments were conducted at the strain rate of 6 × 10 −4 s −1 . The K I C,e f f for the edge cracked specimens was calculated using the linear elastic fracture mechanics (LEFM) solution [40] :
where σ ∞ is the far field stress, a is the crack length, and Y is the shape function calculated by
where w is the specimen width and HOT stands for higher order terms. The specimen thickness was measured by an SEM, and was in good agreement with the nominal values calculated using the deposition rate and times. During the tensile experiments, pictures of the specimen surface were recorded with an optical microscope at 200× magnification and a digital image correlation (DIC) analysis was performed to compute the full-field strain [36] , which was then plotted with the corresponding stress to compute the Young's modulus and tensile strength. 
III. RESULTS
The tensile strength, K I C,e f f , and Young's modulus of columnar and laminated polysilicon thin films doped with different concentrations of P are plotted in Fig. 3 (a,b) and also given in Table 1 . The film microstructure had a marked effect on the tensile strength, Fig. 3(a) . The average strength of columnar polysilicon was 1.31 ± 0.09 GPa which is 46% lower than that of laminated polysilicon that was measured as 2.44 ± 0.28 GPa. Notably, while the strength of columnar polysilicon doped with 2% PSG dropped to 0.92 ± 0.10 GPa, i.e. 30% lower than the undoped material, the strength of columnar polysilicon doped with 0.5% PSG was the same as that of undoped polysilicon. On the other hand, the strength of laminated polysilicon did not change with doping. Unlike the tensile strength, the Young's modulus of polysilicon was independent of film structure and doping level as shown in Table 1 .
Due to the brittle nature of polysilicon and its high strength, the specimens shattered upon failure and hence, post fracture analysis of failure cross-sections was not possible. The statistical dependence of tensile strength on the specimen size was quantified by using the Weibull cumulative probability distribution function [41] , whose three-parameter form for specimens subjected to uniform tension is given by
where σ u is the threshold stress below which no failure is expected to occur, σ c is the characteristic stress which is equal to the stress at which 63% of all specimens have failed, and m is the Weibull modulus. The probability of failure for a specimen at each stress level was computed using the estimator
where P n is the probability of failure of the n th specimen and N is the total number of specimens tested. The cumulative distribution function can be rewritten as in order to obtain the m, σ c and σ u from the cumulative probability distribution shown in Fig. 4 . The Weibull parameters, namely m, σ c and σ u , were computed by fitting a straight line to (5) using a least squares regression analysis. The parameters m, σ c and σ u calculated for the two-and three-parameter Weibull distributions are provided in Table 2 together with the number of specimens tested for each type of polysilicon. The Weibull parameters obtained by least squares regression matched very closely with those obtained using [34] the maximum likelihood method. The threshold stress was determined by maximizing R 2 in the least squares fit to (5) . For any given type of polysilicon, the R 2 values for the two-and three-parameter analyses were nearly the same. The smaller m for laminated compared to columnar polysilicon specimens implies larger scatter in tensile strength values. However, laminated specimens had substantially larger characteristic strength, σ c , and threshold strength, σ u , than columnar polysilicon specimens. The threshold strength is particularly important in design: it suggests that similarly sized components made from laminated polysilicon will always survive uniaxial tension below 1.9 GPa, whereas undoped columnar polysilicon specimens could fail at tensile stresses as low as 0.6 GPa, and 0.2 GPa for highly doped columnar polysilicon.
Fracture experiments were also conducted to discern differences in the material resistance to crack initiation, as opposed to failure initiated by random, process induced flaws. A minimum of 15 specimens of each polysilicon type were tested. The K I C,e f f of all polysilicon films was in the range of 0.82-1.27 MPa √ m, Fig. 3 (b) which agrees with the range of K I C values for single crystal silicon [18] - [20] and the K I C,e f f for polysilicon fabricated by the MUMPS process [24] , [25] . The effect of film structure on the average values of K I C,e f f was negligible: the K I C,e f f of columnar polysilicon was 0.95 ± 0.08 MPa √ m and of laminated polysilicon was 0.99 ± 0.05 MPa √ m. Doping of both columnar and laminated polysilicon noticeably increased the range of values for K I C,e f f . Columnar polysilicon films had 10% higher average K I C,e f f after doping with 2% PSG, while the K I C,e f f of laminated polysilicon remained within the same bounds for all doping levels. Since the mean values of K I C,e f f for columnar and laminated polysilicon subjected to different doping conditions overlapped within one standard deviation, a student's t-test with 90% confidence level (α = 0.1) was conducted to assess whether these mean values are statistically different. The student's t-test showed that the mean K I C,e f f of 0.5% PSG doped columnar polysilicon was marginally different, while the mean K I C,e f f value of 2% PSG doped columnar polysilicon was significantly different from undoped columnar polysilicon. Thus, P-doping did increase the K I C,e f f of columnar polysilicon. On the contrary, the mean values of K I C,e f f for all three laminated polysilicon were found to be statistically equivalent.
IV. DISCUSSION
A. Effect of Grain Structure and Doping on Tensile Strength
The mechanical strength is one of the defining metrics for MEMS reliability and design. Local fracture parameters such as K I C are important in understanding and quantifying microstructural effects on fracture because they are derived from well-controlled defect geometries. Microstructurally speaking, the large difference in strength between laminated and columnar polysilicon specimens was not due to differences in material resistance to fracture, since the K I C,e f f values for the two types of polysilicon were nearly identical. Specifically, the characteristic strengths of columnar and laminated polysilicon specimens were in the range of 1-1.3 GPa and 2.3-2.5 GPa, respectively. For the same polysilicon films, Boyce et al [34] used a 2-parameter Weibull statistical analysis to compute the characteristic strengths for columnar and laminated polysilicon specimens in the range of 1.48 -1.76 GPa and 2.80 -2.99 GPa, 2 respectively. These strength values measured from 180 times smaller specimen by volume (150 × 3.74 × 1 μm) and 7 times smaller by sidewall surface area compared to the present study, were 10-50% higher than those reported in the present work, as shown in Table 3 .
The measured strength of brittle materials depends on the size of the specimens tested. Increasing the specimen size enhances the probability of larger critical flaws in a specimen and thus reduces the measured strength. As expected, the characteristic strength of both columnar and laminated polysilicon decreased with increasing specimen size. On the contrary, the Weibull moduli of columnar and laminated polysilicon specimens derived by a 2-parameter analysis all increased compared to smaller specimens, which implies that the larger specimens contained a more representative sample of the spectrum of flaws residing at the specimen sidewalls.
The consistency between the Weibull parameters extracted from the specimens in this work and in [34] was evaluated by estimating the characteristic strength of the large specimens by using the Weibull parameters measured from the small specimens in [34] and vice versa, assuming that the critical flaws were distributed at the specimen top surface area, A i ,
and the specimen sidewall surface:
where m 2 is the experimentally derived Weibull modulus corresponding to σ c,2 , and the indices, i = 1,2, correspond to the small specimens in [34] and the large specimens in the present study. Given that the specimen thickness was 1 μm for both the small and the large specimens, an analysis based on the assumption that all critical flaws reside at the specimen top surface area, A, using equation (6), would yield the same result as an analysis based on volumetric critical flaws, i.e. we would not be able to distinguish between top surface and volumetric critical flaws. For the same reason an analysis based on the assumption that all critical flaws are located at the sidewall surface area would yield the same result as a specimen edge length, , analysis using equation (7), i.e. we would not be able to distinguish between critical flaws residing at the sidewall surfaces and the specimen long edges. The bar charts in Figs. 5(a,b) show that the σ c of large specimens is closely predicted by the experimental data from small specimens and vice versa, which implies that the Weibull size effect for laminated polysilicon specimens is governed by critical defects residing on or along the specimen sidewall surface. The error bars in Fig. 5 represent the range of values for σ c that correspond to the upper and lower bounds of the Weibull parameters derived from the Weibull analysis with a 90% confidence level. For laminated polysilicon specimens, the Weibull analysis using the specimen top surface as the location of the critical flaw population did not provide good predictions using either the small or the large specimens as reference. On the other hand, an analysis using the sidewall area or the specimen top surface area of columnar polysilicon resulted in equally good agreement between predictions and experiments, as shown in Figs. 5(a-d) . However, the SEM images in Figs. 6(a,b) and 7(a-c) clearly show that the critical flaws in columnar polysilicon specimens resided at the specimen sidewalls, and specifically the top sidewall edges. Therefore, in order to obtain unequivocal conclusions, Weibull scaling predictions of mechanical strength should be corroborated with direct observations of the geometry and location of critical flaws in Atomic Force (AFM) or Scanning Electron Microscopy (SEM) images.
The ability to link potentially critical flaws to specific processing steps provides further support in order to uniquely identify the location of the critical flaw population. For example, critical flaws such as those shown in Fig. 6(a,b) could originate in post processing, whereas volumetric defects forming during Si deposition are expected to be much smaller. In columnar polysilicon, the major sidewall flaws were all located at the top edge of the specimen and were always associated with severe GB grooving around large grains. Notably, this GB grooving was initiated by GB pitting that was present on the entire top specimen surface of 2% PSG doped columnar polysilicon, Fig. 7(a) , but was most pronounced along the specimen sidewalls. Such pits were present along the GBs of 2% PSG columnar polysilicon, while the GB grooves were in the form of deep and wide crevices at the top edge of sidewalls, as shown in Fig. 7(a) .
On the contrary, the sidewall and the top specimen surfaces of laminated polysilicon were smooth, without GB grooves, as evidenced in Fig. 6(c) . The undoped and 2% PSG doped laminated polysilicon also possessed a 100 nm deep step along the entire edges of the top and bottom specimen surfaces, as shown in Fig. 6(c-d) . Although the top surface step did not contain any discernible defects, the bottom step contained a stream of voids, Fig. 6(d) , which could be the source of failure initiation in laminated polysilicon, since all other flaws identified by SEM imaging were not as large.
GB grooving was dramatically more pronounced in P-doped columnar polysilicon, as shown in Fig. 7(a) and 8 . Contrary to the small effect on K I C,e f f , heavy doping by 2% PSG reduced the tensile strength of columnar polysilicon by 30% with respect to undoped polysilicon. However, columnar polysilicon that was lightly doped with 0.5% PSG exhibited the same tensile strength as undoped, which provides a measure for benign polysilicon doping. The deep crevices and GB grooves at the top edge of the sidewalls of heavily doped polysilicon, Fig. 7(a) , were notably larger than any sidewall ridges forming during RIE specimen patterning. These crevices were much less pronounced in lightly doped and undoped polysilicon specimens shown in Fig. 7(b,c) , which had virtually identical sidewall morphology and hence tensile strength.
Defects in thin films can originate in various processing steps, such as chemical vapor deposition (CVD), RIE, doping, annealing, etc. The defects in Fig. 6(a,b) , 7(a) and 8 are not related to polysilicon deposition or growth because they are present only at the top surface near the specimen edges and the upper corner of the sidewalls. To this effect, RIE that was applied to pattern the blanket columnar polysilicon films could be the source of minor grooves at GBs, as shown in Fig. 6(a) and 7(b,c) . According to Robertson [42] , GB grooving occurs in polysilicon at high temperatures due to self-diffusion of silicon at GBs into adjacent grains. It has been shown that minimal grain growth occurs in undoped polysilicon during annealing at >1000°C. However, grain growth increases with P-doping [43] , [44] . In the present study, the freestanding undoped columnar polysilicon films were additionally annealed in N 2 atmosphere for 1 hr at 1100°C. Inspection by an SEM showed no signs of grain growth or formation of GB grooves at the specimen free edges. This result further supports the scenario that the GB grooves in undoped and 0.5% PSG doped columnar polysilicon could only have formed during the RIE process. On the contrary, in laminated polysilicon films the last deposited 100-nm layer of amorphous silicon was annealed and crystallized after RIE patterning, which potentially explains the lack of similar defects at the specimen sidewalls.
On the other hand, the deep crevices at the sidewalls of 2% PSG doped columnar polysilicon specimens in Fig. 7(a) could have developed during subsequent fabrication steps, including sacrificial etching by 49% HF, which is known to cause GB grooving in polysilicon under some conditions [15] , [16] . Specimens etched in 49% HF for very short times that were sufficient to etch only the top 2-μm sacrificial oxide still contained sidewall defects similar to those shown in Fig. 7(a) , which implies that prolonged sacrificial etching was not responsible for those large crevices. To further confirm this point, freestanding heavily doped columnar polysilicon specimens were additionally exposed to 49% HF for 30 min and 60 min and their top and sidewall surfaces were imaged by an SEM before and after etching. These specimens were derived from the fracture experiments using pre-cracks, which provided freshly cleaved polysilicon films with an edge that did not contain the crevices seen at the specimen sidewalls patterned via RIE. Thorough SEM imaging showed no signs of GB etching at the top specimen surface and the fracture surface, even after prolonged exposure to 49% HF for 60 min.
Therefore, it emerges that the large sidewall edge defects at the GBs of 2% PSG doped columnar polysilicon specimens could have evolved from smaller edge defects in undoped RIE patterned polysilicon, during concurrent high temperature annealing and P-doping. 3 In this regard, Wada and Nishimatsu [44] reported limited grain growth in polysilicon with P concentrations of 2.5 × 10 20 atoms/cm 3 , but a remarkable increase in grain growth for polysilicon doped with 7.5 × 10 20 P atoms/cm 3 . A critical concentration of P for enhanced grain growth in polysilicon was reported as ∼4 × 10 20 atoms/cm 3 [44] . In the present study, the concentration of P in 0.5% PSG and 2% PSG was estimated as 2.25 × 10 20 atoms/cm 3 and 9 × 10 20 atoms/cm 3 , respectively, which are below and above the critical concentration of P for enhanced grain growth. During annealing of heavily doped columnar polysilicon specimens, significant amount of P diffused into the GBs, especially those near the sidewalls due to diffusion from the top and the lateral surfaces that were exposed to PSG. The latter is a mixture of silicon dioxide (SiO 2 ) and phosphorus pentoxide (P 2 O 5 ) forming during CVD as a result of the reaction between silane (SiH 4 ), oxygen (O 2 ), and phosphine gas (PH 3 ) [17] , [45] . During annealing, P 2 O 5 undergoes a reduction reaction with Si to form SiO 2 and P [46] , [47] . This reduction reaction results in increased SiO 2 at GBs. When the sacrificial oxide layer is etched by a 49% HF aqueous solution, the newly formed SiO 2 at GBs is also etched resulting in pores and grooves near GBs, such as those shown in Fig. 8 . The formation of deeper grooves was also significantly enhanced due to high P content at GBs near the specimen sidewalls. Thus, P-doping using PSG beyond a critical concentration exacerbated the formation of edge defects during high temperature annealing.
Such large specimen edge defects were not observed in heavily doped laminated polysilicon, whose tensile strength was unaffected by doping. The presence of an amorphous top layer during RIE and the lack of GBs at the top film surface have deterred the formation of GB grooves at the specimen edges of heavily doped laminated polysilicon. A uniformly doped top specimen surface during high temperature annealing with a PSG overlayer may have averted the formation of high density P regions at GBs and subsequent surface grooving.
B. Effect of Film Structure and Doping on Fracture Initiation
The role of GBs and P doping in the local fracture behavior of polysilicon was evaluated by fracture mechanics measurements to deduce whether (a) increased GB density affects the resistance to catastrophic crack initiation, and (b) whether high P concentration changes the local energy release rate for crack initiation.
The values of K I C,e f f for undoped polysilicon were in agreement with those reported before for the MUMPs process in the range of 0.8-1.2 MPa √ m [24] , [25] . Due to the polycrystalline nature, the location of the initial pre-crack tip could be either inside a grain or at a GB. In [24] and [25] it was shown that the presence of GBs increases the K I C,e f f of polysilicon. However, three dimensional effects can overshadow such conclusions based on 2D material considerations. For instance, two specimens on the same die exhibited K I C,e f f values of 0.88 MPa √ m and 1.03 MPa √ m, with the crack tip residing at a GB, and inside a grain but near a triple junction point, respectively. The variability in the measured values of K I C,e f f was more pronounced for undoped columnar than for undoped laminated polysilicon, as shown in Fig. 3(b) : in laminated polysilicon the crack plane traversed 10 grains across the film thickness, which resulted in values for K I C,e f f that represented the average of the local K I C in several grains through the specimen thickness. Due to sampling of multiple grains at the crack tip, the effective K I C of laminated polysilicon was close to the average for Si (∼0.9 MPa √ m) and resulted in much tighter distribution of values. In some cases, local heterogeneity in columnar polysilicon promoted crack arrest: for example, a specimen doped with 2% PSG, showed subcritical crack growth: the crack arrested at a GB after an initial advancement and then reinitiated at a higher load. This fracture process is due to local variations in fracture toughness owed to the heterogeneous and locally anisotropic microstructure, as shown before experimentally for MUMPs polysilicon [24] and illustrated by the cohesive zone microstructural model by Foulk et al [26] .
The K I C,e f f of columnar polysilicon doped by 0.5% and 2% PSG was 1.02 ± 0.13 MPa √ m and 1.05 ± 0.14 MPa √ m, respectively, which is 10% higher than undoped polysilicon averaging 0.95 ± 0.08 MPa √ m. The standard deviation of the measured K I C,e f f values was also higher for P-doped columnar polysilicon. During diffusion doping at high temperatures (1050°C), P atoms diffuse into substitutional sites of the Si crystal [28] , which alters the cohesive energy thereby modifying its K I C . The bond strength of P-Si (363.6 KJmol −1 ) is 11% higher than that of Si-Si (326.86 KJmol −1 ) and hence the critical energy release rate for polysilicon doped with P is higher than undoped Si [48] . An analogous 10% increase in K I C,e f f between undoped and 2% PSG doped polysilicon is established from the present fracture experiments. The K I C,e f f of 2% PSG doped columnar polysilicon was typically in the range of 1.0-1.2 MPa √ m, which, in conjunction with the student t-test analysis discussed earlier, provides evidence that heavy P-doping does increase the resistance to crack initiation. It should be noted, however, that the net effect of doping on K I C,e f f of 2% PSG doped columnar polysilicon is overshadowed by the dependence of K I C,e f f on the location of crack tip which could also vary in the broad range of 0.8-1.2 MPa √ m. Notably, the K I C,e f f values reported here are in the same range and show the same trends with respect to doping as the results presented before for polysilicon fabricated by a different facility [49] , underscoring the limited effect of material and processing parameters on the fracture resistance of polysilicon.
On the other hand, the K I C,ef f of doped laminated polysilicon was close to the undoped material, which could be explained by a limited penetration of P across the film thickness. The laminated structure prevented the efficient diffusion of P throughout the film thickness as opposed to columnar grains that facilitate fast P diffusion through GBs that could span the entire film thickness.
C. Fracture Mechanics Predictions of Mechanical Strength Using Surface Flaw Data
In the absence of major volumetric flaws or notches, the tensile strength of a brittle material is limited by the surface roughness which acts as surface microcracks. With knowledge of K I C and the spectrum of surface roughness, the specimen strength could be estimated by using Linear Elastic Fracture Mechanics (LEFM). With the aid of finite elements, Newman and Raju [50] calculated the K I C of various flaw geometries in a finite body, such as an embedded elliptical crack, a semi-elliptical surface crack, Fig. 9(a,c) , and a quarter elliptical edge crack, Fig. 9(b,d) . Based on their results, analytical expressions were obtained to compute K I C for a finite body: the K I C for the semi-elliptical surface crack in Fig. 9(c) is given by
where σ f is the far field stress at failure, Q is the shape factor for an elliptical crack, and F s is the boundary correction factor for a surface crack. The shape factor Q for an elliptical flaw is approximated by
For 0 ≤ a/c ≤ 2, c/b <0.5 and 0 ≤ φ ≤ π, F s is given by
where M i are curve fitting parameters, and g, f w and f φ are a curve fitting function, a finite width correction factor and an angular function, respectively, given in [50] . Similarly, the K I C for a finite body with a quarter-elliptical edge crack, Fig. 9 (b,d) is given by
where Fc is the boundary correction factor for an edge crack. The shape factor for a quarter-elliptical shaped crack is the same as that for a semi-elliptical crack in (10) . The boundary correction factor Fc is given by
For the following conditions: 0.2 ≤ a/c ≤ 2, a/t ≤ 1, and 0 ≤ φ ≤ π/2, the curve fitting parameter M i , the curve fitting functions (g 1 , g 2 ), and the angular function ( f φ ) are given in [50] . The tensile strength of laminated and columnar polysilicon was estimated using (8) and (11) and the flaw geometry as captured in AFM images. The root mean square (RMS) surface roughness, the mean-to-valley depth, and the maximum valley depth below the surface mean plane were measured from 10 × 10 μm AFM images of laminated and columnar polysilicon and are listed in Table 4 . Even though the RMS surface roughness was uniform across all polysilicon films in the range of 8-10 nm, the mean-to-valley and maximum valley below the surface mean plane depths were slightly larger for columnar polysilicon and significantly larger for heavily doped columnar polysilicon, as shown in Fig. 10(a,b) .
AFM topography images revealed frequent minor grooves at the top surface of columnar polysilicon which were scarce in laminated polysilicon. While the frequency of such surface defects was not affected by dopant concentration, heavy doping made these groves deeper in columnar polysilicon. A 3-D image of such a surface groove in undoped laminated polysilicon and the corresponding cross-sectional height profile are shown in Fig. 11 . These grooves were approximated as semi-elliptical surface cracks with length (2c) and depth (a), and the average measured values are listed in Table 5 . The tensile strength of laminated and columnar polysilicon specimens was then estimated by approximating the top surface grooves with semi-elliptical cracks and applying Equation (8) using the measured K I C,e f f values. The uncertainty in the estimated value of the tensile strength of each polysilicon type was calculated by taking into account the standard deviation and the bounds in the measured values for K I C,e f f , a, and c [51] .
The estimated tensile strength of laminated polysilicon was in the range of 2.48-3.94 GPa, and for columnar polysilicon in the range of 2.09-3.50 GPa. As expected from the preceding scaling analysis and Fig. 7(a-c) and Fig. 8 , failure of as-fabricated specimens initiates at the specimen sidewalls. Therefore, predictions based on top surface flaws would overestimate the specimen strength. In order to predict the tensile strength of polysilicon specimens with critical sidewall defects, the flaws in Fig. 7(a-c) were approximated as quarter-elliptical edge cracks with lengths a and c, as shown in Fig. 9(b,d ). The tensile strength was then predicted using the K I C relation for a quarter-elliptical edge crack in (11) . SEM images were used to measure the approximate flaw geometry as summarized in Table 6 . The average length c and depth a of the edge cracks for undoped columnar polysilicon were 460 ± 130 nm and 93 ± 23 nm, respectively. Similarly, c and a of 2% PSG doped columnar polysilicon were 150 ± 30 nm and 620 ± 150 nm, respectively. In the case of laminated polysilicon, multiple pores were present at the 100-nm deep sidewall step located at the edge of the specimen bottom surface, Fig 6(d) . The tensile strength of these films was estimated by approximating the largest notch inside the step as a quarter elliptical edge crack and neglecting the effects of the adjacent defects and the step itself. The length of the edge crack was measured from SEM images and the depth of the edge crack was assumed to be equal to the step height which was 100 nm.
The predictions made for different polysilicon specimens were compared with the values measured from as-fabricated specimens and are listed in Table 6 . The predicted strength of laminated and columnar polysilicon films agreed fairly well with the measured values, which supports the previous conclusion that the tensile strength of laminated and columnar polysilicon specimens was governed by sidewall flaws.
D. Strength of Columnar Polysilicon Specimens With Defect-Free Sidewalls
The critical flaws on the specimen edges and sidewalls of columnar polysilicon could be eliminated with selective etching of the sidewalls using an isotropic etchant such as HF/nitric/acetic acid (HNA) and tetramethylammonium hydroxide solution (TMAH) [45] , or by an additional oxidation step of the specimen edge and subsequent etching of the oxide. While these options were not possible for the specimens available in this work, the sidewalls of unreleased microscale uniaxial tension specimens were milled by a Focus Ion Beam (FIB) in order to quantify the strength of columnar polysilicon in the absence of the large sidewall defects. The specimen edges were milled using 7 nA probe Fig. 15 . Comparison of characteristic strength of polysilicon specimens measured in this work, with various Poly layers fabricated by the standard SUMMiT V process. The total sidewall area of each specimen tested in this work was 2,000 μm 2 . The characteristic strengths of Poly1, Poly1-2, Poly3, Poly4 were calculated using (7), and the Weibull modulus and characteristic strength reported in [11] were from specimens with gage surface area of 1,000 μm 2 .
current to obtain smooth sidewalls, as shown in Fig. 12 . The sacrificial oxide layer was subsequently etched in 49% HF to obtain freestanding specimens for mechanical testing. A comparison between the original RIE patterned sidewalls and the FIB processed sidewalls can be obtained by referring to Fig. 7 and 12 . Graphically, the average tensile strength of columnar and laminated polysilicon specimens with FIB-trimmed sidewalls is compared with as-fabricated polysilicon specimens in Fig. 13 . The average strength of columnar polysilicon specimens with smooth sidewalls was in the range of 1.9-2.3 GPa, i.e. 70-100% higher than the as-fabricated counterparts.
Similar experiments with undoped and 2% PSG doped laminated polysilicon specimens with ion-milled sidewalls provided average strengths of 2.2 ± 0.2 GPa and 2.2 ± 0.1 GPa, respectively, which is 10-15% lower than the as-fabricated specimens. This indicates that the tensile strength measured from polysilicon specimens with ion milled sidewalls was limited by material damage caused to the specimen sidewalls during ion milling. Ion milling of specimens with 1000 μm long and 1 μm thick edges by using a 7 nA probe current required approximately 30 min of ion beam rastering, which resulted in rounded and tapered specimen edges. The latter also affected the ability to accurately machine the specimen fillets, thus resulting in flaws at the specimen fillets. When the fillets were included in the loading grips (i.e. the fillet area was not subjected to stress), the tensile strength of 0.5% PSG doped laminated polysilicon specimens was consistent with undoped and heavily doped laminated polysilicon films averaging 2.37 ± 0.33 GPa. In this case, evidence that failure initiated in the specimen gauge section was obtained by high speed photography while testing the specimens in glycerin which dampened any vibrations initiating upon specimen fracture. Fig. 14(a-d) shows successive snapshots of the onset of failure of a specimen that was gripped away from the fillets and produced a tensile strength of 2.76 GPa. Therefore, it is inferred that the strength of undoped columnar polysilicon could be the same as that of laminated polysilicon in the absence of the deep grooves on the upper side of the specimen sidewalls shown in Fig. 7(a) . This is an important conclusion, because the use of RIE to pattern the microscale tension specimens nucleated defects that resulted in failure strength values that are not representative of the particular columnar polysilicon films.
The characteristic strengths of laminated and columnar polysilicon measured in this work and in [34] are compared in Fig. 15 with the four polysilicon layers fabricated by Sandia's standard SUMMiT V [11] process. As shown, the characteristic strength of the SUMMiT V Poly1 layer could be enhanced by as much as 120% by controlling the microstructure of polysilicon. As a result, if Poly1 is fabricated in laminated form, or the sidewall flaws accentuated by its columnar grain structure are removed by post-processing, it can reach the characteristic strength of the Poly4 layer which has been reported to be the strongest of all polysilicon layers of the SUMMiT V process.
V. CONCLUSION
The effects of grain structure and doping on the tensile strength of columnar and laminated polysilicon specimens were investigated. The tensile strength of laminated polysilicon specimens was 60-90% higher than that of as-fabricated columnar grain polysilicon specimens. Heavy P-doping with 2% PSG lowered the strength of columnar polysilicon by 30%, whereas light doping with 0.5% PSG had no impact on the mechanical strength and the nature of major defects in undoped columnar polysilicon. Defects in the form of surface grooves and crevices at the specimen sidewalls of undoped columnar polysilicon specimens were accentuated after high temperature annealing and heavy doping. Notably, heavy doping did not result in similar defects in laminated polysilicon, whose mechanical strength did not change after heavy doping. The K I C,e f f of all polysilicon types varied between 0.8-1.2 MPa √ m as a result of local material anisotropy at the crack tip, which is consistent with values reported before for polysilicon fabricated by the MUMPs process. Hence, the 60-90% difference in the tensile strength between columnar and laminated polysilicon specimens was due to differences in the nature of critical flaws. With the assumption that all critical flaws existed on the specimen sidewalls, the calculated Weibull parameters could closely predict the characteristic strength of polysilicon specimens with significantly smaller dimensions but the same grain size and doping, and vice versa. Notably, the tensile strength of columnar polysilicon specimens increased by 70-100% after eliminating the sidewall flaws, thus reaching the tensile strength of laminated polysilicon specimens. Therefore, additional processing steps to eliminate the RIE induced edge flaws could result in significantly stronger MEMS components fabricated by conventional columnar polysilicon films.
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